Cemented tungsten carbides (cWCs) are routinely used in mining and manufacturing but are also candidate materials for compact radiation shielding in fusion power generation. In both applications, there is a need for oxidation to be minimized at operating temperatures. In a recent study, Si-based coatings deposited by pack cementation were demonstrated to improve the oxidation resistance of cWCs by up to a factor of 1000. In this work, these coatings are further characterized, with the focus on growth kinetics, phase composition, and hardness. By combining quantitative X-ray diffraction, electron microscopy, and instrumented micro-indentation, it is shown that the coating layer has a 20% higher hardness than the substrate, which is explained by the presence of a previously-unknown distribution of very hard SiC laths. To interpret the coating stability, a coating growth map is developed. The map shows that the structure is stable under a broad range of processing temperatures and cWC compositions, demonstrating the wide-ranging applicability of these coatings.
Introduction
Nuclear fusion power is rapidly developing through recent advances in high temperature superconductors and the development of compact spherical fusion tokamaks [1] . Because of the smaller scale of these devices, there is an increasing emphasis on enhancing the efficiency of shielding materials, which must resist a wide variety of thermal and irradiation damage that may be experienced over a typical duty cycle. One such condition, which is the focus of this paper, is a loss-of-coolant event whereby materials may be exposed to oxygen at high temperatures. The oxide layer formed in this scenario must be stable so as not to release any potentially hazardous materials into the environment.
A potential candidate material for next generation nuclear shielding is cemented tungsten carbide (cWC). cWCs have excellent wear and thermal properties along with a high hardness (7) (8) (9) (10) (11) (12) (13) (14) (15) (16) (17) (18) (19) (20) (21) (22) GPa at 30 kgf) [2, 3] and impressive fracture toughness (8) (9) (10) (11) (12) (13) (14) (15) (16) (17) (18) (19) (20) (21) (22) (23) (24) (25) MPa m 1/2 ) [2, 4] . The properties of cWCs result from their combination of hard WC particles (0.4-8 µm) and ductile metallic binder phase (hereafter referred to as "binder") processed using powder metallurgy. They also have promising shielding characteristics compared to tungsten metal, which will be used extensively as a shielding material for the International Thermonuclear Experimental Reactor (ITER) [5] . The good performance of WC is due to the high neutron and gamma ray attenuation of W and the neutron moderation role of C. Furthermore, it does not form excessive amounts of long-lived radioactive isotopes under neutron
Materials and Methods

Materials Preparation
The cWC sample used for Si impregnation was composed of medium-fine WC particles (d 50,WC = 0.8 µm) with a 10 wt.% Fe-8Cr binder. All hardmetals were produced using a laboratory scale powder metallurgy process (for details, see [19] ) simulating the larger scale industrial process route. The WC (Wolfram Bergbau) and Fe-8Cr (pre-alloyed spray atomized powder d 50 = 7 µm by Osprey) powder charge was set to 100 g (90 g WC: 10 g Fe-8Cr). No carbon additions were used, although the effect of carbon content was evaluated by calculating the phase diagrams for the W-C-FeCr system using Thermo-Calc software package (Stockholm, Sweden) with carbon content as the dependent variable. Powders were placed in a 0.25 L WC-lined pot and ball milled with WC media at a media:charge mass ratio of 12:1 in 50 mL ethanol with an organic pressing aid. Powders were dried, pressed at a pressure of 19 MPa, and sintered at 1450 • C in vacuum to form a plate of dimensions 40 mm × 25 mm × 5 mm. Post sintering, samples were tested to evaluate sintered density, hardness, and toughness. Density was measured using the Archimedes method, with a Metter Toledo temperature-corrected precision balance at 20 • C, with a resolution of ±0.1 mg. Hardness was determined on five separate indents using a diamond Vickers indenter at a 30 kg load. Toughness was measured using the Shetty method [4] . Porosity was measured by optical microscopy using ISO 4499-3:2016 [20] . The Si coating on selected WC-Fe-8Cr samples (hereafter referred to as the substrate) was performed by the pack cementation method. The pellet and powder pack (Si and NaF) were loaded into a lidded alumina crucible and heated to 1000 • C in flowing Ar-5% H 2 for a 4 h dwell. Further details of this process can be found in a previous study [18] .
Characterization
Surfaces were prepared for characterization using the following three-step procedure: (1) grinding with resin-bonded diamond discs of successively finer grades (grit 220, 1200, 4000); (2) polishing on woven acetate cloths using diamond media of 6, 3, and 1 µm; and (3) final polishing on porous neoprene cloths using 0.05 µm colloidal silica suspension.
Sample microstructure was evaluated using optical and scanning electron microscopy (SEM) using a Zeiss SUPRA55-VP microscope. High-resolution images of the coating were acquired on a ZEISS LEO Gemini 1525 field emission gun SEM. Energy dispersive X-ray analysis (EDX) was performed using an Oxford Instruments DryCool detector with a 15 mm working distance and an accelerating voltage of 30 kV using Oxford Instruments INCA software. Microstructural parameters such as the median grain size (WC d 50 ) and phase identification were evaluated by electron backscatter diffraction (EBSD) using a Nordlys detector with an accelerating voltage of 21 kV and a 60 µm beam aperture. Data was acquired with the Oxford Instruments AZtec software and Channel 5 Tango post-processing module. For phase identification, indexed data was processed by single pixel removal and a single iteration grain dilation (>4 nearest neighbours). WC grain boundaries were defined as regions where the average orientation difference was >8 • . Median WC grain size d 50 was calculated from the linear diameter obtained from EBSD orientation image mapping of the WC phase. Further details on the preparation and analytical methods used for WC grain size measurements are described in detail in previous work [21] .
X-ray diffraction (XRD) was performed on a Panalytical X'Pert powder diffractometer with a Cu radiation source operated at 40 kV and 40 mA. Patterns were analyzed using the Rietveld method, employing a pseudo-Voight profile function. Further details of XRD procedures can be found in previous studies [13, 18] . XRD patterns taken through the depth of the coating were achieved by sectioning the surface via manually polishing 5 µm intervals from the coating surface, using 1200 grit SiC paper. Coating removal was measured using a digital micrometer. Reported coating depths correlate to the amount of material removed only, i.e., they do not include X-ray beam penetration depths.
Hardness Tests
Instrumented hardness measurements were carried out on a Micromaterials Nanotest platform at room temperature, using a Vickers diamond indenter. The indenter area function was calibrated on an amorphous silicon substrate. Cross-sectional samples were prepared by cutting using a low-speed diamond saw. Samples were then embedded in EpoFix epoxy resin and ground and polished using the procedure outlined above. Both sides of the resin-bonded sample were ground to ensure intimate contact between sample and the aluminium mounting block, thus avoiding any compliance effects from the resin. The sample was bonded to the mounting block using superglue. The indenter load was applied over a 10 s load, a 30 s dwell period, and a 10 s unload. Thermal drift was corrected for by a 30 s drift correction post indentation. The hardness was calculated using the Oliver-Pharr method [22] . The Young's modulus of the sample, E s , was calculated from the reduced modulus, E r , using the relationship:
where E i and υ i are the indenter Young's modulus and Poisson's ratio, taken to be 1140 GPa and 0.07 respectively, and υ s is the sample Poisson's ratio taken to be 0.21. Indents were imaged using a JSM 6010 SEM operated in secondary electron (SE) mode.
Results and Discussion
As-Sintered WC-Fe-8Cr Materials
Before assessing the coatings, the substrate is first addressed. Its properties, including hardness, toughness from the critical stress intensity factor K 1c , and median grain size d 50 , are given in Table 1 . The as-sintered material shows shrinkage and toughness values in line with conventional cWCs of the same grain size and binder content. For example, for a WC-10 wt.% Co material, toughness values of 11 MPa m 1/2 and shrinkages of 19% have been reported [19] . WC-Fe substrates were fully dense with an upper limit to porosity being 0.2 vol. %. Hardness is slightly higher and toughness lower in WC-Fe-8Cr than for a WC-Co material with an equivalent grain size and binder content. The reasons for this are twofold: Firstly, Fe and Cr tend to limit Ostwald ripening during liquid phase sintering relative to Co [23, 24] , leading to a finer sintered grain size for the same WC powder; and secondly brittle ternary phases such as M 6 C (M = W, Fe(Cr)) form more readily in Fe-based binder systems [23] relative to Co-based binders. The formation of ternary phases in WC-Fe-8Cr can be controlled via carbon content as is currently used for conventional WC-Co materials [25] . In this work, i.e., on WC-Fe-8Cr materials, no carbon compensation was used. The effect of this lack of carbon correction is shown in Figure 1 . where Ei and υi are the indenter Young's modulus and Poisson's ratio, taken to be 1140 GPa and 0.07 respectively, and υs is the sample Poisson's ratio taken to be 0.21. Indents were imaged using a JSM 6010 SEM operated in secondary electron (SE) mode.
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Before assessing the coatings, the substrate is first addressed. Its properties, including hardness, toughness from the critical stress intensity factor K1c, and median grain size d50, are given in Table 1 . The as-sintered material shows shrinkage and toughness values in line with conventional cWCs of the same grain size and binder content. For example, for a WC-10 wt.% Co material, toughness values of 11 MPa m 1/2 and shrinkages of 19% have been reported [19] . WC-Fe substrates were fully dense with an upper limit to porosity being 0.2 vol. %. Hardness is slightly higher and toughness lower in WC-Fe-8Cr than for a WC-Co material with an equivalent grain size and binder content. The reasons for this are twofold: Firstly, Fe and Cr tend to limit Ostwald ripening during liquid phase sintering relative to Co [23, 24] , leading to a finer sintered grain size for the same WC powder; and secondly brittle ternary phases such as M6C (M = W, Fe(Cr)) form more readily in Fe-based binder systems [23] relative to Co-based binders. The formation of ternary phases in WC-Fe-8Cr can be controlled via carbon content as is currently used for conventional WC-Co materials [25] . In this work, i.e., on WC-Fe-8Cr materials, no carbon compensation was used. The effect of this lack of carbon correction is shown in Figure 1 . [26] as a function of temperature and carbon weight fraction. Although no two-phase region exists for WC-Fe-8Cr, there is a desired region where the liquidus temperature is minimized. The dotted lines indicate this optimal region of carbon content (about 5.7 wt.%) vs. the carbon content for substrate materials in this study (5.5 wt.%). Figure 2 shows the (a) secondary electron, (b) EBSD, and (c) optical microscopy images of the microstructure of the WC-Fe-8Cr substrate. The microstructure of the baseline Fe-8Cr cWC is similar to that of other cWCs with transition metal binders, although grain size is less uniform. This is due to Fe and Cr inhibiting Ostwald ripening, i.e., the growth of large WC domains at the expense of its smaller neighbours, resulting in a considerable volume fraction of fine grains. Therefore, WC d 50 (0.8 µm) is significantly lower than the target d 50 of the starting WC powder (2 µm). M 6 C formation consumes the WC phase, leading to more binder lakes and a more irregular structure than in a carbon-optimized material. M 6 C appears in Figure 2b as green/turquoise phases. The presence of substantial M 6 C in the sintered material is consistent with this material containing an Fe-based binder with a carbon content of about 5.5 wt.%, which Figure 1 shows is far below the carbon content where ternary precipitates are minimised (5.6-5.7 wt.%). Figure 2 shows the (a) secondary electron, (b) EBSD, and (c) optical microscopy images of the microstructure of the WC-Fe-8Cr substrate. The microstructure of the baseline Fe-8Cr cWC is similar to that of other cWCs with transition metal binders, although grain size is less uniform. This is due to Fe and Cr inhibiting Ostwald ripening, i.e., the growth of large WC domains at the expense of its smaller neighbours, resulting in a considerable volume fraction of fine grains. Therefore, WC d50 (0.8 µm) is significantly lower than the target d50 of the starting WC powder (2 µm). M6C formation consumes the WC phase, leading to more binder lakes and a more irregular structure than in a carbon-optimized material. M6C appears in Figure 2b as green/turquoise phases. The presence of substantial M6C in the sintered material is consistent with this material containing an Fe-based binder with a carbon content of about 5.5 wt.%, which Figure 1 shows is far below the carbon content where ternary precipitates are minimised (5.6-5.7 wt.%). 
Formation of Coating
Having determined the structure of the substrate, focus is now turned to the coating. Figure 3 shows coating cross sections formed after 1, 2, and 4 h of silicon impregnation at 1000 °C. The coatings show a self-similar structure at all times. Thus, as described in a previous report [18] , where we showed the coating structure after 4 h, the coatings at 1 and 2 h are also clearly chiefly composed of two parts: an upper iron silicide layer, shown as a region of homogenous contrast, and between that and the substrate, a lower region that is a composite of tungsten disilicide (light contrast) and iron silicides (dark contrast). Beneath that is a porous region. It was previously determined that this twopart structure is crucial to its good oxidation resistance as FeSi oxidizes passively, i.e., by forming a protective SiO2 layer that acts as a barrier to further oxidation, whereas WSi2 oxidizes at temperatures below 1300 °C in an active manner [27] , i.e., by forming WO3 and SiO2 simultaneously, with no protective layer. However, what was not reported previously was the coating growth kinetics, which are now addressed in detail as these will allow for predictions about how the coating structure may change under different impregnation conditions and cWC compositions. 
Having determined the structure of the substrate, focus is now turned to the coating. Figure 3 shows coating cross sections formed after 1, 2, and 4 h of silicon impregnation at 1000 • C. The coatings show a self-similar structure at all times. Thus, as described in a previous report [18] , where we showed the coating structure after 4 h, the coatings at 1 and 2 h are also clearly chiefly composed of two parts: an upper iron silicide layer, shown as a region of homogenous contrast, and between that and the substrate, a lower region that is a composite of tungsten disilicide (light contrast) and iron silicides (dark contrast). Beneath that is a porous region. It was previously determined that this two-part structure is crucial to its good oxidation resistance as FeSi oxidizes passively, i.e., by forming a protective SiO 2 layer that acts as a barrier to further oxidation, whereas WSi 2 oxidizes at temperatures below 1300 • C in an active manner [27] , i.e., by forming WO 3 and SiO 2 simultaneously, with no protective layer. However, what was not reported previously was the coating growth kinetics, which are now addressed in detail as these will allow for predictions about how the coating structure may change under different impregnation conditions and cWC compositions. Figure 4 shows the kinetics of coating formation. Part (a) shows the coating growth as measured by both mass change (primary y-axis) and thickness increase (secondary y-axis). Both signals show parabolic growth kinetics that can be well fitted with a growth constant of 31 µm/h 1/2 or 7.5 mg/cm 2 -h 1/2 . This growth rate is compared to the growth rates of various other WSi2 and FeSi2 coatings taken from the literature [27] [28] [29] [30] [31] in Figure 4b . The WSi2 growth rates are much slower than FeSi2 for a given temperature. For example, when the WSi2 growth rates are extrapolated back to 1000 °C, the growth constant is predicted to be 10 −28 -10 −31 cm 2 /s, whereas the FeSi2 kinetics constants from the literature are in the order of 10 −20 -i.e., close to what is observed experimentally in this study. The fact that the experimental growth rates match typical growth rates of FeSi2 rather than WSi2 suggests that growth of the coatings is limited by the diffusion of Si atoms through the binder phase rather than diffusion through the WC particles. This quantitative understanding of the different growth rates of WSi2 and FeSi2 allows the coating structure shown in Figure 3 to be better interpreted. Specifically, it is of interest to determine whether the two-part structure will always be observed or whether it is possible that WSi2 could exceed the rate of FeSi2 formation. To assess this, the competition between the formation rates of WSi2 particles and the FeSi2 binder are compared. The growth rates of these two phases, k(WSi2) and Figure 4 shows the kinetics of coating formation. Part (a) shows the coating growth as measured by both mass change (primary y-axis) and thickness increase (secondary y-axis). Both signals show parabolic growth kinetics that can be well fitted with a growth constant of 31 µm/h 1/2 or 7.5 mg/cm 2 -h 1/2 . This growth rate is compared to the growth rates of various other WSi 2 and FeSi 2 coatings taken from the literature [27] [28] [29] [30] [31] in Figure 4b . The WSi 2 growth rates are much slower than FeSi 2 for a given temperature. For example, when the WSi 2 growth rates are extrapolated back to 1000 • C, the growth constant is predicted to be 10 −28 -10 −31 cm 2 /s, whereas the FeSi 2 kinetics constants from the literature are in the order of 10 −20 -i.e., close to what is observed experimentally in this study. The fact that the experimental growth rates match typical growth rates of FeSi 2 rather than WSi 2 suggests that growth of the coatings is limited by the diffusion of Si atoms through the binder phase rather than diffusion through the WC particles. Figure 4 shows the kinetics of coating formation. Part (a) shows the coating growth as measured by both mass change (primary y-axis) and thickness increase (secondary y-axis). Both signals show parabolic growth kinetics that can be well fitted with a growth constant of 31 µm/h 1/2 or 7.5 mg/cm 2 -h 1/2 . This growth rate is compared to the growth rates of various other WSi2 and FeSi2 coatings taken from the literature [27] [28] [29] [30] [31] in Figure 4b . The WSi2 growth rates are much slower than FeSi2 for a given temperature. For example, when the WSi2 growth rates are extrapolated back to 1000 °C, the growth constant is predicted to be 10 −28 -10 −31 cm 2 /s, whereas the FeSi2 kinetics constants from the literature are in the order of 10 −20 -i.e., close to what is observed experimentally in this study. The fact that the experimental growth rates match typical growth rates of FeSi2 rather than WSi2 suggests that growth of the coatings is limited by the diffusion of Si atoms through the binder phase rather than diffusion through the WC particles. This quantitative understanding of the different growth rates of WSi2 and FeSi2 allows the coating structure shown in Figure 3 to be better interpreted. Specifically, it is of interest to determine whether the two-part structure will always be observed or whether it is possible that WSi2 could exceed the rate of FeSi2 formation. To assess this, the competition between the formation rates of WSi2 particles and the FeSi2 binder are compared. The growth rates of these two phases, k(WSi2) and This quantitative understanding of the different growth rates of WSi 2 and FeSi 2 allows the coating structure shown in Figure 3 to be better interpreted. Specifically, it is of interest to determine whether the two-part structure will always be observed or whether it is possible that WSi 2 could exceed the rate of FeSi 2 formation. To assess this, the competition between the formation rates of WSi 2 particles and the FeSi 2 binder are compared. The growth rates of these two phases, k(WSi 2 ) and k(FeSi 2 ) can be assessed by the literature growth rates shown in Figure 4 , by fitting Arrhenius equations to the data of Kharatayan (WSi 2 ) [30] 
where T is the growth temperature. To assess the competition between these two phases in a composite, transport in the FeSi 2 binder must be modified using the so-called labyrinth factor, λ. This factor represents the difference between the bulk diffusivity of the binder phase, and the effective diffusivity of the binder phase when dispersed with a volume fraction, f. The labyrinth factor of λ = f 2 was reported by Schwarzkopf [32] ; however, this relationship was later rebutted by Frykholm et al. [33] , who reported it to be λ = f. Figure 5 therefore considers both possible scenarios. It shows a map-as a function of temperature and volume fraction-of the region in which the transport in the FeSi 2 dominates, i.e., the case reported in this study (labelled "separated coating") and the region where transport in the WSi 2 dominates (labelled "mixed coating"). Two lines delineating these regions are drawn. The two lines correspond to two different labyrinth factors of λ = f 2 and λ = f. A "molten region" is also drawn at the binder melting point, at which point the growth rates predicted from Equation (3) would no longer hold. The experimental data of this study, corresponding to T = 1000 • C and a binder volume factor of f = 0.18, is represented by a circle that is located well within the separated coating region, i.e., in agreement with the two-part coating structures shown in Figure 3 . The map predicts that such a separated coating will result under most conditions. For example, at T = 1000 • C, the separated coating is predicted, even at a binder content as low as f = 0.02 and f = 0.001, using labyrinth factors of λ = f 2 and λ = f, respectively, which is well below the typical range for cWCs (typically f = 0.04 to f = 0.4). Furthermore, at the binder volume fraction studied, f = 0.18, the separated coating is predicted at temperatures ranging from the binder melting point to~770-840 • C, which is much lower than typical silicon deposition temperatures. Therefore, the structure shown in Figure 3 is predicted to be stable under most experimental scenarios. k(FeSi2) can be assessed by the literature growth rates shown in Figure 4 , by fitting Arrhenius equations to the data of Kharatayan (WSi2) [30] and Sen (FeSi2) [31] , respectively:
(FeSi ) = 1.58 × 10 exp 64,900
where T is the growth temperature. To assess the competition between these two phases in a composite, transport in the FeSi2 binder must be modified using the so-called labyrinth factor, λ. This factor represents the difference between the bulk diffusivity of the binder phase, and the effective diffusivity of the binder phase when dispersed with a volume fraction, f. The labyrinth factor of λ = f 2 was reported by Schwarzkopf [32] ; however, this relationship was later rebutted by Frykholm et al. [33] , who reported it to be λ = f. Figure 5 therefore considers both possible scenarios. It shows a mapas a function of temperature and volume fraction-of the region in which the transport in the FeSi2 dominates, i.e., the case reported in this study (labelled "separated coating") and the region where transport in the WSi2 dominates (labelled "mixed coating"). Two lines delineating these regions are drawn. The two lines correspond to two different labyrinth factors of λ = f 2 and λ = f. A "molten region" is also drawn at the binder melting point, at which point the growth rates predicted from Equation (3) would no longer hold. The experimental data of this study, corresponding to T = 1000 °C and a binder volume factor of f = 0.18, is represented by a circle that is located well within the separated coating region, i.e., in agreement with the two-part coating structures shown in Figure 3 . The map predicts that such a separated coating will result under most conditions. For example, at T = 1000 °C, the separated coating is predicted, even at a binder content as low as f = 0.02 and f = 0.001, using labyrinth factors of λ = f 2 and λ = f, respectively, which is well below the typical range for cWCs (typically f = 0.04 to f = 0.4). Furthermore, at the binder volume fraction studied, f = 0.18, the separated coating is predicted at temperatures ranging from the binder melting point to ~770-840 °C, which is much lower than typical silicon deposition temperatures. Therefore, the structure shown in Figure 3 is predicted to be stable under most experimental scenarios. 
Coating Structure
The coating phase composition is now assessed in more detail. Figure 6a shows a series of XRD patterns taken through the depth of the coating after 1 h of silicon deposition. The patterns show a gradual transition in phase composition from the coating surface (i.e., at 0-10 µm), to the coating bulk Figure 5 . Coating structure growth map as a function of temperature, T, and binder volume fraction, f. Separated, i.e., two-part, structures are predicted at high T and high f, and mixed coatings at low T and low f.
The coating phase composition is now assessed in more detail. Figure 6a shows a series of XRD patterns taken through the depth of the coating after 1 h of silicon deposition. The patterns show a gradual transition in phase composition from the coating surface (i.e., at 0-10 µm), to the coating bulk (10-40 µm), to the substrate (40+ µm). The coating surface is shown to be primarily composed of two FeSi 2 phases-a low temperature orthorhombic FeSi 2 phase and a high temperature tetragonal phase which is sub-stoichiometric in iron (Fe 0.92 Si 2 ). Below this, the coating bulk is primarily a composite of WSi 2 and FeSi, while the substrate is primarily WC and M 6 C phase. Figure 6b shows the volume fractions of the prominent coating phases, plotted as a function of depth into the coating. The volume fractions are calculated from Rietveld refinements of the diffraction data in part (a). In the volume fraction results, the BCC FeCr phase, α-Fe, has been excluded as its volume fraction was too low to be reliably measured. Furthermore, the two FeSi 2 phases have been combined into a single reading, as their peaks overlapped strongly. Since this is the first time that the phase composition of these coatings has been quantitatively mapped, some comments are made: Firstly, the dominance of FeSi and FeSi 2 at the surface explicitly shows how the migration of Fe towards the surface occurs. Such an inhomogeneous nature of the phase formation is unexpected but can be explained by the preferential diffusion kinetics within the metallic binder as compared to the tungsten carbide particles, as shown in Figure 4 . It is therefore likely that metallic binder diffuses from deep within the specimen bulk to aid the preferential iron silicide layer formation. This interpretation is supported by the lack of significant FeCr binder within the substrate adjacent to the coating and also the observations of porosity in the substrate in Figure 3 . The porous region is later shown to have a significant effect on the hardness of the substrate compared to the specimen bulk. Secondly, the quantification of the phase composition allows the hardness data to be properly interpreted, as shown in the following section. (10-40 µm), to the substrate (40+ µm). The coating surface is shown to be primarily composed of two FeSi2 phases-a low temperature orthorhombic FeSi2 phase and a high temperature tetragonal phase which is sub-stoichiometric in iron (Fe0.92Si2). Below this, the coating bulk is primarily a composite of WSi2 and FeSi, while the substrate is primarily WC and M6C phase. Figure 6b shows the volume fractions of the prominent coating phases, plotted as a function of depth into the coating. The volume fractions are calculated from Rietveld refinements of the diffraction data in part (a). In the volume fraction results, the BCC FeCr phase, α-Fe, has been excluded as its volume fraction was too low to be reliably measured. Furthermore, the two FeSi2 phases have been combined into a single reading, as their peaks overlapped strongly. Since this is the first time that the phase composition of these coatings has been quantitatively mapped, some comments are made: Firstly, the dominance of FeSi and FeSi2 at the surface explicitly shows how the migration of Fe towards the surface occurs. Such an inhomogeneous nature of the phase formation is unexpected but can be explained by the preferential diffusion kinetics within the metallic binder as compared to the tungsten carbide particles, as shown in Figure 4 . It is therefore likely that metallic binder diffuses from deep within the specimen bulk to aid the preferential iron silicide layer formation. This interpretation is supported by the lack of significant FeCr binder within the substrate adjacent to the coating and also the observations of porosity in the substrate in Figure 3 . The porous region is later shown to have a significant effect on the hardness of the substrate compared to the specimen bulk. Secondly, the quantification of the phase composition allows the hardness data to be properly interpreted, as shown in the following section. shows a WC particle at the interface that has been partially reacted with Silicon to form a core of WC, and a shell of WSi2. This core-shell structure is magnified in the inset. The WSi2 shell contains very fine laths of a dark contrast, growing normally to the advancing WC/WSi2 interface. These laths can also be seen in a region of the coating that has fully reacted in parts (d). Their very fine dimension (thickness of <100 nm) and growth direction perpendicular to the WC/WSi2 interface suggest that they form as a by-product of the silicidation reaction. Their dark contrast indicates that they are also predominantly low-Z. To elucidate their composition, part (e) shows an XRD pattern taken from within the bulk of the coating (at a depth of 26 µm in Figure 5 ). The pattern is plotted on a logarithmic Part (c) shows a WC particle at the interface that has been partially reacted with Silicon to form a core of WC, and a shell of WSi 2 . This core-shell structure is magnified in the inset. The WSi 2 shell contains very fine laths of a dark contrast, growing normally to the advancing WC/WSi 2 interface. These laths can also be seen in a region of the coating that has fully reacted in parts (d). Their very fine dimension (thickness of <100 nm) and growth direction perpendicular to the WC/WSi 2 interface suggest that they form as a by-product of the silicidation reaction. Their dark contrast indicates that they are also predominantly low-Z. To elucidate their composition, part (e) shows an XRD pattern taken from within the bulk of the coating (at a depth of 26 µm in Figure 5 ). The pattern is plotted on a logarithmic scale to elucidate minor peaks. Below the pattern, simulated patterns of phases identified in Figure 6 are shown-i.e., WSi 2 , WC, and FeSi. However, one very low intensity peak remains unidentified at 60 degrees, which is well matched to the cubic SiC phase. This suggests that the dark laths are cubic SiC. It is likely that these form via the reaction:
Although their volume fraction could not be determined from the XRD data, if reaction (4) proceeds to completion, on the basis of the relative densities of the product phases, the volume fraction of SiC within the WSi 2 phase would be approximately 0.326. With this microstructural understanding, the coating hardness can now be assessed. scale to elucidate minor peaks. Below the pattern, simulated patterns of phases identified in Figure 6 are shown-i.e., WSi2, WC, and FeSi. However, one very low intensity peak remains unidentified at 60 degrees, which is well matched to the cubic SiC phase. This suggests that the dark laths are cubic SiC. It is likely that these form via the reaction:
Although their volume fraction could not be determined from the XRD data, if reaction (4) proceeds to completion, on the basis of the relative densities of the product phases, the volume fraction of SiC within the WSi2 phase would be approximately 0.326. With this microstructural understanding, the coating hardness can now be assessed. Figure 8 shows the instrumented micro-hardness tests of the coating. Part (a) shows an SEM image of a 6 × 16 array of indents, i.e., 16 vertical columns, where within each, i.e., for a given depth location within the coating, six nominally identical indents are made. Each indent is spaced 15 µm apart. The magnified areas in part (a) show typical indents in each region of the coating, i.e., the substrate (red), the porous region immediately below the substrate (green), and in the bulk of the coating (blue). Part (b) shows a typical load-displacement curve for each region. For a given load, the overall depth of displacement for the coating was lower than in the substrate bulk, while it was higher for the porous zone, indicating the coating is harder-and the porous zone softer-than the bulk.
Coating Hardness
A more quantitative picture of the hardness evolution is shown in Figure 9 . Part (a) shows the hardness profile into the coating. Each reported hardness value represents the mean of six nominally identical indents, although in a limited number of cases where an indent had to be rejected, five indents were used. The hardness shows near-constant values in each region of the coating. The substrate bulk hardness is 23.6 ± 0.5 GPa; the pore zone of the substrate is 20.3 ± 0.4 GPa; and the coating hardness is 28.3 ± 1 GPa. The corresponding modulus values are plotted in part (b). Here, the modulus in the substrate and the pore zone are the same, which can be explained by the densification of pores under the indenter tip, and thus similar unload behaviour. The average modulus is 550 ± 20 GPa. This is close to what is expected based on the modulus of the constituent phases. For example, Figure 8 shows the instrumented micro-hardness tests of the coating. Part (a) shows an SEM image of a 6 × 16 array of indents, i.e., 16 vertical columns, where within each, i.e., for a given depth location within the coating, six nominally identical indents are made. Each indent is spaced 15 µm apart. The magnified areas in part (a) show typical indents in each region of the coating, i.e., the substrate (red), the porous region immediately below the substrate (green), and in the bulk of the coating (blue). Part (b) shows a typical load-displacement curve for each region. For a given load, the overall depth of displacement for the coating was lower than in the substrate bulk, while it was higher for the porous zone, indicating the coating is harder-and the porous zone softer-than the bulk.
A more quantitative picture of the hardness evolution is shown in Figure 9 . Part (a) shows the hardness profile into the coating. Each reported hardness value represents the mean of six nominally identical indents, although in a limited number of cases where an indent had to be rejected, five indents were used. The hardness shows near-constant values in each region of the coating. The substrate bulk hardness is 23.6 ± 0.5 GPa; the pore zone of the substrate is 20.3 ± 0.4 GPa; and the coating hardness is 28.3 ± 1 GPa. The corresponding modulus values are plotted in part (b). Here, the modulus in the substrate and the pore zone are the same, which can be explained by the densification of pores under the indenter tip, and thus similar unload behaviour. The average modulus is 550 ± 20 GPa. This is close to what is expected based on the modulus of the constituent phases. For example, using a rule of mixtures, employing the modulus of WC and ferritic steels, (given as 705 GPa and 200 GPa [34] , respectively), in relative volume fractions of 0.82 and 0.18, respectively, yields a predicted modulus of 614 GPa. Our measured Young's modulus on the substrate is therefore within 10% of the prediction, indicating that the data is physically meaningful. modulus of 614 GPa. Our measured Young's modulus on the substrate is therefore within 10% of the prediction, indicating that the data is physically meaningful. The substrate micro-hardness values in Figure 9 are higher than those macro-hardness values reported in Table 1 . This difference is now considered in detail: The hardness of the substrate at 500 mN of load, 23.6 GPa, is about 60% higher than the macro-hardness value at 30 kgf (294 N), which was 14.6 GPa (see Table 1 ). This indentation size effect is commonly observed in cWCs when indented at different length scales [3] . For example, Roebuck et al. [35] reported an order of magnitude increase in the hardness of WC-11 wt.% Co when tested at 1 mN vs. its macro-hardness value. In a less extreme range of indenter sizes, Nabarro et al. [36] indented a WC-11 wt.% Co sample over a load range of about 50 mN-10 N, and observed a hardness rise of about 50%, i.e., a similar increase to the present study, for a similar load change (200-fold vs. 600-fold for our study). Thus, the indenter size effect in WC-FeCr materials appears to be roughly in keeping with similar materials indented across a comparable range of loads.
Despite the absolute magnitude of hardness values reported in Figure 9 being size-dependent, insight can be gained by assessing the relative magnitudes. For example, the average hardness of the coated layer (28.3 GPa) is 20% higher than the substrate. To rationalize this increase, Table 2 shows the constituent phases of the coating, along with their corresponding literature hardness values and observed volume fractions, Vf. The volume fractions labelled are calculated by taking the X-ray determined volume fractions from the centre of the coating, i.e., at 26 µm in Figure 6 , and re- modulus of 614 GPa. Our measured Young's modulus on the substrate is therefore within 10% of the prediction, indicating that the data is physically meaningful. The substrate micro-hardness values in Figure 9 are higher than those macro-hardness values reported in Table 1 . This difference is now considered in detail: The hardness of the substrate at 500 mN of load, 23.6 GPa, is about 60% higher than the macro-hardness value at 30 kgf (294 N), which was 14.6 GPa (see Table 1 ). This indentation size effect is commonly observed in cWCs when indented at different length scales [3] . For example, Roebuck et al. [35] reported an order of magnitude increase in the hardness of WC-11 wt.% Co when tested at 1 mN vs. its macro-hardness value. In a less extreme range of indenter sizes, Nabarro et al. [36] indented a WC-11 wt.% Co sample over a load range of about 50 mN-10 N, and observed a hardness rise of about 50%, i.e., a similar increase to the present study, for a similar load change (200-fold vs. 600-fold for our study). Thus, the indenter size effect in WC-FeCr materials appears to be roughly in keeping with similar materials indented across a comparable range of loads.
Despite the absolute magnitude of hardness values reported in Figure 9 being size-dependent, insight can be gained by assessing the relative magnitudes. For example, the average hardness of the coated layer (28.3 GPa) is 20% higher than the substrate. To rationalize this increase, Table 2 shows the constituent phases of the coating, along with their corresponding literature hardness values and observed volume fractions, Vf. The volume fractions labelled are calculated by taking the X-ray determined volume fractions from the centre of the coating, i.e., at 26 µm in Figure 6 , and re- The substrate micro-hardness values in Figure 9 are higher than those macro-hardness values reported in Table 1 . This difference is now considered in detail: The hardness of the substrate at 500 mN of load, 23.6 GPa, is about 60% higher than the macro-hardness value at 30 kgf (294 N), which was 14.6 GPa (see Table 1 ). This indentation size effect is commonly observed in cWCs when indented at different length scales [3] . For example, Roebuck et al. [35] reported an order of magnitude increase in the hardness of WC-11 wt.% Co when tested at 1 mN vs. its macro-hardness value. In a less extreme range of indenter sizes, Nabarro et al. [36] indented a WC-11 wt.% Co sample over a load range of about 50 mN-10 N, and observed a hardness rise of about 50%, i.e., a similar increase to the present study, for a similar load change (200-fold vs. 600-fold for our study). Thus, the indenter size effect in WC-FeCr materials appears to be roughly in keeping with similar materials indented across a comparable range of loads.
Despite the absolute magnitude of hardness values reported in Figure 9 being size-dependent, insight can be gained by assessing the relative magnitudes. For example, the average hardness of the coated layer (28.3 GPa) is 20% higher than the substrate. To rationalize this increase, Table 2 shows the constituent phases of the coating, along with their corresponding literature hardness values and observed volume fractions, V f . The volume fractions labelled are calculated by taking the X-ray determined volume fractions from the centre of the coating, i.e., at 26 µm in Figure 6 , and re-calculating on the basis of Equation (4), which predicts that SiC forms in equimolar proportions and thus at about half the volume of WSi 2 (0.326 vs. 0.674). The hardness values are taken from literature Vickers measurements at loads of 25-300 N [34, 37] . Using the rule-of-mixtures, the peak hardness of the coating is estimated to be 15.3 GPa. Thus, the experimentally measured value of 28.3 GPa is about 80% higher than this. This is quite close to the 60% higher hardness value measured in the substrate, which is attributed to an indenter size effect. However, it is noted that the above analysis is very coarse in nature for the following reasons: Firstly, the analysis assumes the coating is homogenous, whereas Figure 5 shows it is not, and therefore our results are subject to uncertainty from sampling statistics; secondly, it neglects any size effects in the single-phase hardness values taken from the literature; and thirdly, it assumes ideal composite behaviour, when in fact, there may be multiple hardening mechanisms in operation.
Finally, the hardness of the porous zone, i.e., immediately beneath the coating, is addressed. Being about 14% lower than the bulk, this may have a detrimental effect on the coating stability. However, it is possible that this could be remedied by two methods: the first is a heat treatment above the binder melting point of 1180 • C, after the coating application, where it is envisaged that excess binder from the substrate could migrate to re-fill the pores. However, it should be noted that the binder melting temperature is also close to the melting temperature of the FeSi 2 (h) phase, of 1209 • C. It is therefore unknown what effect such heat treatments would have on the structure and efficacy of the coating. The second method suggested is based on altering the starting substrate material. Specifically, by processing it to have a higher binder content in its near-surface region. One way of achieving this would be to modify the sintering conditions such that a layer of binder phase migrates to the surface during cooling from the liquid phase [38] . This technique is well known for a wide variety of cermets and is typically used when brazing or coating treatments are required post annealing. It should be noted that the applicability of these methods will be strongly dependent on the specific grade of c-WC substrate (grain size, binder composition and content, etc.)-as will the formation of the porous zone itself. Furthermore, it is not yet known whether the hardness results reported here will also pertain to samples that have been exposed to oxidation. Such investigations therefore present an opportunity for further work.
Conclusions
Following a recent demonstration of the oxidation resistance of silicide-coated cWCs, this work has investigated the growth kinetics, phase structure, and hardness of such coatings. The main conclusions are as follows:
•
The coating formation kinetics show that growth is dominated by the formation of iron silicide. By analyzing the growth kinetics as trade-off between transport within the carbide grains and the binder, it is shown that the two-part, passively oxidizing (protective) structure will be dominant at high volume fractions of binder and high coating temperatures. The required parameters are typical for cWCs and pack cementation, respectively, suggesting that a protective coating will be observed under a range of conditions and cWC compositions.
The most surprising aspect of this study was the very high hardness of the coating, which was about 20% higher than that of the substrate. By analyzing the coating structure using quantitative diffraction measurements and high-resolution electron microscopy, the hardness increase was attributed to nano-scale SiC laths formed within the WSi 2 domains, which have not been previously reported. The impressive hardness of the coating shows promise for engineering applications.
The porous region immediately below the substrate had a hardness value 14% lower than the bulk, which was explained via a net transport of FeCr binder towards the coating/substrate interface. This porous region is potentially detrimental to the coating's properties but could be mitigated by enhancing the near-surface binder content or using liquid phase heat-treatments after coating deposition. 
